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Cubic zirconia single crystals stabilized with 11 mol% yttria were deformed in air at 1400 �C and
around 1200 �C at different strain rates along [1�12] and [100] compression directions. The strain
rate sensitivity of the flow stress was determined by strain rate cycling and stress relaxation tests.
The microstructure of the deformed specimens was investigated by transmission high-voltage elec-
tron microscopy, inlcuding contrast extinction analysis for determining the Burgers vectors as well
as stereo pairs and wide-angle tilting experiments to find the active slip planes. At deformation
along [1�12], the primary and secondary slip planes are of f100g type. Previous experiments had
shown that the dislocations move easily on these planes in an athermal way. During deformation
along [100], mainly dislocations on f110g planes are activated, which move in a viscous way by the
aid of thermal activation. The discussion of the different deformation behaviours during deforma-
tion along [1�12] and [100] is based on the different dynamic properties of dislocations and the fact
that recovery is an essential feature of the deformation of cubic zirconia at 1400 �C. The results on
the shape of the deformation curve and the strain rate sensitivity of the flow stress are partly at
variance with those of previous authors.

1. Introduction

The plasticity of cubic zirconia single crystals has been investigated in some detail by
several researchers. The first tests were performed at temperatures around 1400 �C [1 to 7].
Such high temperatures were chosen as it was believed that the brittle-to-ductile transi-
tion temperature is above 1000 �C [5]. Recently, cubic zirconia was successfully de-
formed in ambient atmosphere at lower temperatures down to 400 �C [8 to 11], and
under confining hydrostatic pressure between 250 and 550 �C [12 to 14]. In addition to
conventional compression experiments, in situ tensile straining tests were performed in a
high-voltage transmission electron microscope (HVEM) at 1150 �C [9, 10, 15]. With the
heating techniques improved it became possible to perform experiments also at higher
temperatures up to 1800 �C [16, 17]. Most of the experiments were carried out with a
[1�12] compression axis to activate single slip on the (001) 1/2[1�10] slip system.
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The results in the wide temperature range from 250 to 1800 �C suggest that different
microprocesses control the deformation behaviour in different temperature ranges. While
these processes are relatively well understood in the low temperature ranges [9, 10],
there are a number of open questions in the most investigated range around 1400 �C.
This concerns, e.g., the type of slip planes activated as secondary planes as well as the
mechanism by which the yttria content influences the flow stress, which was originally
interpreted as solution hardening [1]. However, no indications of this process were found
at lower temperatures in the in situ experiments [9, 10, 15].

Therefore, more detailed compression tests were carried out at 1400 �C. The proce-
dures were similar to those described in [7]. However, the experiments were performed in
a wider range of strain rates between 10±±6 and 10±±4 1/s and on samples with a [100]
compression axis in addition to the usual [1�12] axis. The results of the compression tests
were supplemented by a careful transmission electron microscopy (TEM) analysis of the
dislocation structures in the deformed specimens. Moreover, some experiments were car-
ried out at about 1200 �C in order to elucidate the transition of the deformation beha-
viour at 1400 �C to that at intermediate temperatures between about 900 and 1100 �C.
The existing models of the plastic deformation of cubic zirconia at high temperatures are
critically discussed on the basis of the new data.

2. Experimental

Rectangular samples of fully stabilized cubic zirconia single crystals4� were prepared to
be 8� 2� 2 mm3 in size. The producer stated the concentration of stabilizing Y2O3 to
be 9.4 mol%, whereas EDX proved 11 mol%. Most crystals were oriented for single slip
on the (001) 1/2[1�10] slip system, i.e. for compression in [1�12] direction with (�111) and
(110) side faces. Some samples were prepared for compression in [100] direction with
f001g side faces in order to suppress slip on cube planes. The specimens were cut with a
wire saw and boron slurry, ground and polished using a 3 mm diamond suspension on
brass and a polishing cloth, respectively.

The compression tests were performed in a single-screw testing machine5) equipped
with a high-temperature furnace, push rods of Al2O3 and compression anvils of SiC, as
schematically drawn in Fig. 1. Long touch rods of Al2O3 connected with a water-cooled
linear variable differential transducer (LVDT) were used for the strain measurements.
Thus, mainly the deformation of the sample itself is measured by the LVDT. The ma-
chine can be operated under closed loop strain control with an accuracy of 0.05 mm.
Under these conditions, virtually the set-up is of high elastic stiffness, mainly that of the
specimen, which allows one to measure stress relaxation curves over wide ranges of
strain rate with little plastic strain being consumed. Most experiments were performed
at 1400 �C in air. For comparison, some specimens were deformed at lower temperatures
between 1100 and 1200 �C.

In the present work, the total strain et and the stress s are related to the initial
length l0 and cross section A of the specimens. The dependence of the flow stress on the
plastic strain rate _e is described by the strain rate sensitivity

I = Ds/D ln _e , (1)
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4) Ceres Corp., Waltham, Mass.
5) Instron 8562.



or, using a power law _e � sm*, by the apparent stress exponent m* = D ln _e/D ln s,
which is related to I by

m* = s/I . (2)

The strain rate sensitivity I is determined either from strain rate cycling (SRC) experi-
ments, or from stress relaxation tests (R). Here, the plastic strain rate _e is proportional
to the negative stress rate

_e = ±±(CA/l0) _s . (3)

C is the elastic compliance inside the gauge length of the LVDT. Consequently, in a plot
of ln(ÿ _s) versus s of the relaxation data, the inverse slope Ds/D ln (ÿ _s) is equal to the
strain rate sensitivity I. In the following, this kind of plot will be called a relaxation
curve. The apparent stress exponent m* is the slope in a plot of ln (ÿ _s) versus ln s. In
the diagrams, the initial stress rate was calculated by eq. (3) from the strain rate before
the relaxation tests (large symbols).

The dislocation structures created by the deformation were studied by TEM in a high-
voltage electron microscope (HVEM). In order to detect possible changes of the micro-
structure formed during deformation, particularly during cooling, samples were cooled
down either in the unloaded state, as it is usually done, or under full load applying the
load-control mode. The cooling rate was limited to 12 K/min owing to the design of the
equipment. The specimens were unloaded at 900 �C since, at 800 �C, a glass phase broke,
which had formed at high temperature between the SiC anvils and the Al2O3 compression
rods. This initiated strong vibrations resulting in specimen failure. It is believed that diffu-
sion-controlled recovery processes do not change the dislocation structure below 900 �C.

Plastic Deformation of Cubic Zirconia Single Crystals at 1400 �C 129

Fig. 1. Schematic drawing of the anvils with the sample in two viewing directions. a) View on the
three touch-rods, which lead to the LVDT (left part), b) view on the thermoelements (right part)



The TEM specimens were prepared using standard procedures, with a [�111] foil nor-
mal for samples deformed along [1�12] and [001] for deformation along [100]. The HVEM
was operated at an acceleration voltage of 1000 kV. It was not necessary to coat the
samples despite the low electrical conductivity of zirconia.

3. Results of Deformation Experiments

3.1 Deformation along [1�12]

The shape of the stress±strain curves of cubic zirconia deformed at 1400 �C along [1�12]
essentially depends on the strain rate applied. As Fig. 2 shows, the stress±strain curves
exhibit the same shape as in the early experiments [1 to 6], with an upper and lower
yield point followed by zero work hardening, at strain rates below about 5�10±±5 1/s. At
higher strain rates, however, the yield point disappears, with weak work hardening oc-
curring (Q = ds/de � 1 GPa). The behaviour is the same in experiments interrupted by
stress relaxation or SRC tests, as demonstrated in Fig. 3.

At 1400 �C, not only the shape of the deformation curves but also the strain rate
sensitivity I strongly depends on the basic strain rate. As Fig. 3a qualitatively demon-
strates for a strain rate ratio of 5, at high strain rates and low strains the flow stress
hardly changes during the SRC experiments, which corresponds to a very low strain rate
sensitivity I. With increasing strain, the strain rate sensitivity increases. Respective re-
sults are summarized in Fig. 4a. At low strain rates, however, similar SRC experiments
result in a large change of the flow stress which hardly depends on strain as shown in
Fig. 3b. The corresponding strain rate sensitivities are plotted in Fig. 4b as a function of
strain. The increase of the strain rate sensitivity I with increasing strain at high strain
rates recovers during annealing. This is shown in the stress±strain curve of Fig. 5, where
the sample was unloaded after the stress relaxation test R15, annealed for 40 min at
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Fig. 2. Stress±strain curves of Y2O3-stabilized ZrO2 single crystals deformed along [1�12] at 1400 �C
with strain rates of _e � 10±±6 and 10±±4 1/s



1400 �C before it was reloaded. In Fig. 4a, the respective values of I are connected by a
dotted line and show the strong dropping after the annealing and the re-increasing on
further straining.

In order to support the results of the SRC tests by experiments of different kinetics,
stress relaxation tests (R) were performed between the SRC tests. While at high strain
rates the SRC experiments indicate a small strain rate sensitivity I, the corresponding
relaxation tests result in very large drops of the flow stress, as demonstrated by Fig. 3a.
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Fig. 3. Stress±strain curves of samples deformed along [1�12] at 1400 �C. a) High strain rates
_e0 � 10ÿ4 1/s and _e1 � 5� 10±±4 1/s. b) Low strain rates _e0 � 10±±6 1/s and _e1 � 5� 10±±6 1/s.
Stress relaxation tests are marked by R. The SRC experiments with changes between _e0 and _e1 are
marked by vertical lines



This is usually due to a high strain rate sensitivity. This apparent contradiction follows
from the particular shape of the relaxation curves. Fig. 6a and b present three relaxa-
tion curves each of two specimens with increasing strain. Particularly at small strains,
the curves comprise two distinctive parts, a steep part at the beginning of the tests at
high stresses and correspondingly high strain rates, and a flat part at lower stresses or
correspondingly low strain rates. As described in Section 2, the inverse slope of the
relaxation curves equals the strain rate sensitivity I, which is low at high strain rates,
and vice versa, fully agreeing with the results of the SRC tests. With increasing strain,
the flat part moves up to higher strain rates, obviously concealing the steep part as
demonstrated in Fig. 6a. Finally, the flat parts of different relaxation curves coincide as
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Fig. 4. Strain rate sensitivity I versus plastic strain e determined by stress relaxation tests (full
symbols) and by SRC experiments (open symbols) at 1400 �C along [1�12]. a) High strain rates:
& 10ÿ4 1=s; ! 5� 10±±4 1/s. b) Low strain rates: & 10±±6 1/s



in Fig. 6b, whereas the steep part moves to higher stresses due to work hardening, get-
ting less prominent. The slopes of the three lines in Fig. 6b represent the results of SRC
experiments performed just before the respective stress relaxation tests. These lines fit
quite well to the relaxation curves, underlining the agreement between the results of
SRC and stress relaxation tests. At a certain stress, the slope of the relaxation curves
and the corresponding strain rate sensitivity I seem to be a unique function of the strain
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Fig. 5. Detail of a stress±strain curve of a sample deformed at 1400 �C along [1�12] with SRC experi-
ments and stress relaxation tests (R). _e0 � 1:2� 10±±4 1/s and _e1 � 0:5� 10±±4 1/s. After the relaxa-
tion R15 the sample was unloaded, annealed under a small constant load for 40 min and then reloaded

Fig. 6



rate as outlined in Fig. 7 for an intermediate plastic strain of 1.4 %, irrespective of the
initial strain rate.

The values of the strain rate sensitivity I from stress relaxation tests are included in
the summary of Fig. 4 as full symbols. Here, the data points are derived at the begin-
ning of each relaxation test, i.e. they should correspond to the strain rate before the
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Fig. 6. Relaxation curves of samples deformed at 1400 �C along [1�12] to different strains at high
strain rates. Large symbols denote data calculated as described in Section 2. Lines correspond to
SRC experiments just before the respective stress relaxation test. a) _e0 � 10±±4 1/s; & R1 at 0.03%,
~ R2 at 0.32%, � R6 at 2.17%. b) Same sample as in Fig. 5 with _e0 � 1:2� 10±±4 1/s; & R9 at
0.33%, ~ R14 at 1.37%, � R20 at 3.46%

Fig. 7. Comparison of relaxation curves of experiments along [1�12] at 1400 �C using different strain
rates, both after a plastic strain of 1.4%. ~ _e0 � 1:2� 10±±4 1/s, ! e � 5� 10±±6 1/s



relaxation tests. Fig. 4a demonstrates the increase of the strain rate sensitivity I with
increasing strain from almost zero up to about 30 MPa for a starting strain rate of
10±±4 1/s, as discussed above for the SRC experiments. This increase represents the grow-
ing dominance of the flat part of the relaxation curves with increasing strain. Fig. 4a
shows also data for the higher strain rate of 5 � 10±±4 1/s. As expected, they are smaller
than those for 10±±4 1/s. The results for small strain rates are summarized in Fig. 4b.
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Fig. 8. Results of an experiment at 1200 �C with a [1�12] compression axis at _e0 � 10ÿ6 1/s and
_e1 � 10±±5 1/s. a) Stress±strain curve. b) Relaxation curves at 0.08% (R1), 0.21% (R2), 0.48% (R3),
0.93 % (R4), 1.35 % (R5)

10 physica (a) 166/1



The strain rate sensitivity I amounts to about 30 MPa and seems to be independent of
the strain. In general, I values of relaxation tests are larger than those of SRC tests at
the same (geometrical) mean velocity. Fig. 4b contains also a single data point with a
very high strain rate sensitivity of 140 MPa resulting from the relaxation R3 of Fig. 3b,
performed just at the upper yield point. As it will be described below, a similar phenom-
enon was observed also during deformation along [100].

At 1200 �C, SRC and stress relaxation tests show low strain rate sensitivities I also at
low strain rates, which slightly increase with strain as demonstrated in Fig. 8. At low
strains, the relaxation curves are very steep as, e.g., R1 and R2 in Fig. 8b. The values of
I increase from about 0.6 to 2.1 MPa. At higher strains, the relaxation curves exhibit a
flat part at lower strain rates comparable to the behaviour at 1400 �C. However, this
feature occurs at much higher strains.

3.2 Deformation along [100]

As described in the Introduction, some specimens were deformed along [100] in order to
suppress slip on f100g planes, which are the primary planes for the deformation along
[1�12] [2]. As shown in Fig. 9, at 1400 �C the stress±strain curves exhibit a yield point
effect followed by a zero work-hardening region. While the curve for _e � 10±±6 1/s is
most similar to that of specimens deformed along [1�12] at the same small strain rate, for
_e � 1� 10-4 l/s the flow stress is about 50 % higher. At the fast strain rate, a pro-
nounced yield point does not only occur during the first loading but also after stress
relaxation experiments, which differs from the behaviour at loading in [1�12] direction.

The relaxation curves of experiments with a [100] orientation, shown in Fig. 10, do
not exhibit the two-stage shape of those with a [1�12] orientation. Even at high strain
rates, they have a simple convex shape. Analogous to the deformation in [1�12] direction,
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Fig. 9. Stress±±strain curves of two samples deformed at 1400 �C along [100] at a high strain
rate ( _e = 10±±4 1/s) and at low ones ( _e � 10 ±±6 and 5� 10±±6 1/s) including several stress relaxation
tests and one SRC experiment



the relaxation curves are shifted upwards with increasing strain, reaching a final position.
In Fig. 10b, the very flat relaxation curve at a strain of 0.04% is the result of a stress
relaxation test just before the upper yield point. It again corresponds to I = 140 MPa,
well agreeing with a similar result for the deformation along [1�12], discussed above. Fig. 11
summarizes all values of I, for fast and slow deformation along [100]. After some strain,
a value of about 40 MPa is reached.

At lower temperatures, deformation along [100] results in an unstable stress±strain
curve as shown in Fig. 12 for 1150 and 1120 �C. All four stress relaxation tests and the
three SRC experiments are marked. All the other stress drops occurred during the defor-
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Fig. 10. Relaxation curves of experiments at 1400 �C along [100]. a) _e � 1� 10±±4 1/s; & 0.12%, +
0.5%, � 0.92%. b) _e � 10±±6 1/s and 5 � 10±±6 1/s; & 0.04 %, + 0.29 %, � 0.72 %

10*



mation at constant strain rate. In Fig. 13, the optical micrographs of the specimen show
that these instabilities are not due to fracture but should be real serrations. The strain
rate sensitivity I determined from stress relaxation tests at 1150 �C, included in Fig. 11,
amounts to about 16 MPa and is therefore smaller than at 1400 �C but remarkably
higher than for deformation along [1�12].
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Fig. 11. Strain rate sensitivity I of samples deformed along [100]. Squares: 1400 �C, 10±±6 1/s; trian-
gles: 1400 �C, 10±±4 1/s; circles: 1150 �C, 10±±6 1/s. Full symbols: relaxation tests, open symbols:
SRC tests

Fig. 12. Stress±strain curve of a sample deformed along [100] at 1150 and 1120 �C at a basic strain
rate of 10±±6 1/s, including some stress relaxation tests (R) and SRC experiments (marked by ar-
rows)



Summarizing these results, distinct differences are observed between the deformation
along [100] and [1�12]. Between 1150 and 1400 �C, the flow stress depends more strongly
on the temperature in [100] orientation than in [1�12] orientation. Accordingly, the strain
rate sensitivity I is higher, too.

The activated slip planes can be deduced from deformed samples using optical micro-
scopy. Fig. 13 shows the (010) side face of the sample deformed in [100] direction at
1150 �C. The birefringence patterns of Fig. 13a show contrasts oriented in [101] and
[10�1] directions. Changing the focus of the microscope does not shift these patterns sug-
gesting (10�1) and (101) slip planes. The horizontal high-contrast wavy lines, also shown
in the surface relief of Fig. 13b, can be explained by surface steps originating from screw
dislocations on (110) or (1�10) planes. Viewing on the other side faces yields the same
result. Thus, it may be concluded that all four possible f110g glide planes are activated.
Fig. 13a proves that the deformation is not homogeneous. The wavy structure of the
surface steps in Fig. 13a, and in more detail in Fig. 13b, is certainly due to the mutual
cutting of slip bands or to cross slip. Fig. 13b displays also some straight lines in h110i
direction of sharp contrast. These surface steps cannot be explained by glide on f110g
planes, but suggest that slip on f111g planes had been activated as well.

4. Results of TEM Observations

4.1 TEM observation of samples deformed along [1�12]

As described in Section 2, specimens were cooled from the deformation temperature
either in the unloaded state or under load in order to study the influence of the cooling
treatment on the dislocation structures observed at room temperature. Fig. 14 shows the
respective dislocation structures of two samples deformed at 1400 �C at comparable
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Fig. 13. Optical microscopy images of a (010) side face of a sample deformed along [100] at
1150 �C. a) Birefringence patterns, b) surface relief



plastic strains of about 2.5%. Obviously, these two different procedures result in differ-
ent dislocation densities and morphologies. As the dislocation density is much lower in
Fig. 14a than in Fig. 14b, recovery during cooling without load should have reduced the
dislocation density so that Fig. 14b represents the dislocation structure during the defor-
mation better than Fig. 14a does. Therefore, all the other micrographs are taken of
specimens cooled under load.

At strains above about 1%, cubic zirconia deforms by multiple slip. Fig. 15 shows the
dislocation structure of a sample deformed at 1400 �C along [1�12] using different g vectors.
The primary dislocations of 1/2[1�10] Burgers vector are in contrast only in Fig. 15a. These
dislocations appear smoothly curved on their inclined (001) slip plane. Stereo pairs prove
that the dislocations are sometimes not arranged exactly on their slip planes indicating
the action of cross slip or climb. The only pinning agents acting on the primary disloca-
tions seem to be the other two sets of dislocations, which can clearly be discerned in
Figs. 15b to d. The Burgers vectors of these secondary dislocations are 1/2[01�1] (extin-
guished in Fig. 15c) and 1/2[101] (extinguished in Fig. 15d). These secondary disloca-
tions are mainly of screw character so that they are imaged as quite straight lines.

Stereo pairs of transmission electron micrographs were used to determine the glide
plane of these dislocations. Due to their straightness and mainly screw character this
was possible only in few cases, where the inclination and the Burgers vectors suggested
(010) 1/2[101] and (100) 1/2[0�11] systems. Besides, the activated slip planes were deter-
mined by wide-angle tilting experiments. Fig. 16 shows the same specimen area imaged
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Fig. 14. Dislocation structure of samples deformed along [1�12] at 1400 �C up to a plastic strain of
about 2.5%. In both micrographs the zone axis is near the [�111] foil normal, and the g vector is
[202] or [02�2] so that all relevant dislocations should be visible. a) Cooled in unloaded condition,
b) cooled under full load



near the [00�1], [1�1�1] and [1�10] poles. Using the [220] g vector, dislocations of the pri-
mary slip system are extinguished and only those of the secondary systems are visible.
Near the [00�1] pole in Fig. 16a, the (100) and (010) planes are oriented edge-on. Here,
the dislocations appear as rather straight lines running parallel to the traces of these
planes. However, in Fig. 16c taken near the [1�10] pole, these dislocations are curved.
As the (111) and (11�1) planes are edge-on at this pole, the secondary dislocations
cannot be arranged on these planes. Although the Schmid factor of 0.35 of the (010)
1/2[101] and (100) 1/2[0�11] systems is smaller than that of 0.41 for glide on f111g
planes, the glide on the cube planes seems to be favoured because of their smaller
glide resistance.

The dislocation density of the primary system is 1.4 � 1013 m±±2 and that of the other
slip systems is about 5 � 1012 m±±2. As shown in Fig. 17a, the dislocations of different
systems may interact resulting in the formation of junctions, which may act as obsta-
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Fig. 15. Dislocation structure of a sample deformed along [1�12] at 1400 �C up to a plastic strain of
3% and cooled under full load. a) g = [0�22] near the [�111] pole; primary and secondary dislocations
visible. b) g = [220] near the [�111] pole; primary dislocations extinguished, secondary ones visible.
c) g = [111] near the [�211] pole; primary and secondary dislocations with b = 1/2[01�1] extin-
guished, secondary ones with b = 1/2[101] visible. d) g = [11�1] near the [�121] pole; primary and
secondary dislocations with b = 1/2[101] extinguished, secondary ones with b = 1/2[01�1] visible



cles. The secondary dislocations of Fig. 17b have high jogs, which should also impede
the dislocation motion. The link lengths between both the junctions and the jogs are
between 1 and 2.5 mm.

4.2 TEM observation of samples deformed along [100]

The result described in Section 3.2, obtained by optical microscopy, that mainly f110g
planes are activated during deformation along [100] is corroborated also by TEM. Fig. 18
shows micrographs taken with different g vectors of a sample deformed at 1400 �C by
about 2 %. Viewing approximately in [001] direction reveals two sets of relatively
straight dislocations appear in [1�10] and [110] directions, which are extinguished for
g = [220] (Fig. 18b) and g = [�220] (Fig. 18c), respectively. Besides, more curved disloca-
tions occur, which disappear at g = [020]. Sets of stereo micrographs and further tilting
experiments prove that most of the straight dislocations are arranged on (110) and
(1�10) slip planes, which are imaged edge-on, having 1/2[�110] and 1/2[110] Burgers vec-
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Fig. 16. Dislocation structure of a sample de-
formed along [1�12] at 1400 �C. The same speci-
men area is imaged with g vectors which extin-
guish the primary dislocations. a) Near the [00�1]
pole; f100g planes for secondary dislocations are
imaged nearly edge-on, b) near the [1�1�1] pole, c)
near the [1�10] pole; f111g planes are imaged
edge-on



tors. Most probably, the curved dislocation structures belong to the inclined (101) and
(�101) planes with 1/2[10�1] and 1/2[101] Burgers vectors. Only a few dislocations have
other Burgers vectors, which in Fig. 18a are extinguished by the [200] g vector. Conse-
quently, most of the deformation along [100] is carried by dislocations on the four
equivalent slip systems on f110g planes. They have the maximum orientation factor of
0.5. The dislocations strongly bow out, apparently owing to mutual interaction between
dislocations of different glide systems.

5. Discussion

In the following Sections 5.1 to 5.4 some relevant processes are outlined. A model of the
deformation of cubic zirconia at high temperatures is described in Section 5.5. Finally,
the macroscopic deformation behaviour is discussed, i.e. for deformation along [1�12] in
Section 5.6 and for deformation along [100] in Section 5.7.

5.1 Recovery and the relevance of observed dislocation structures

As it was shown in Section 4.1, it is essential to consider the history of the samples
during cooling in order to correctly interpret the observed dislocation structures. It was
assumed in [4] that rapid cooling to below 1000 �C in about 15 min is sufficient to avoid
remarkable recovery. However, other experiments suggest that diffusive and dynamic
recovery are important already at 1400 �C [5, 18, 19]. Fig. 14 of Section 4.1 clearly
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Fig. 17. Dislocation structure of the same sample as in Fig. 14b. a) Interaction between dislocations
of different slip systems, b) jogged dislocations of a secondary system



shows the difference between the dislocation densities and structures imaged after cool-
ing the specimens in the unloaded state and under full load. This proves that recovery
has to be considered in interpreting the TEM micrographs and as an essential process
during the deformation of cubic zirconia, as it will be done in Section 5.5. As all micro-
graphs of this paper, except Fig. 14a, are taken of specimens cooled under load, they
should represent the real dislocation structures far better than those in previous papers.
Recovery during cooling certainly is the reason that dislocation densities in the literature
differ by about one order of magnitude, e.g. samples deformed by a few per cent showed
dislocation densities between 3:0� 1012 m±±2 [4] and 2:5� 1013 m±±2 [1].

5.2 Operative slip systems

The results of Section 4.1 presented on the active slip systems partly contradict those in
the literature. It is generally accepted that the deformation of cubic zirconia single crystals
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Fig. 18. Dislocation structure of a sample deformed at 1400 �C along [100]. Images taken near the
[001] zone axis with a) g = [200]; b) g = [220], b = 1/2[1�10] extinguished; c) g = [�220], b = 1/2[110]
extinguished; d) g = [020], b = 1/2[101] and 1/2[10�1] extinguished



in [1�12] direction first activates the primary (001) 1/2[1�10] slip system (e.g., [1, 3, 4]). At
higher strains secondary slip systems were additionally observed having 1/2[0�11] and
1/2[101] Burgers vectors [4, 5]. Contrary to previous investigations [3 to 5], in the pres-
ent study the secondary dislocations with these Burgers vectors are arranged on (100)
and (010) planes, but not on those of f111g type. Secondary f100g slip planes are in
accordance with the results of in situ tensile tests in [1�12] direction inside the HVEM at
about 870 �C [15]. Berg-Barett topography gives some indication of the existence of
(100) 1/2[0�11] and (010) 1/2[101] slip systems [3]. However, especially the dislocation
structures observed by TEM were usually discussed assuming f111g slip planes. In many
cases the interpretation of the dislocation structures is not unambiguous, though. For
example, the character of the slip bands of secondary dislocations of Fig. 4 in [5] should
be crititically checked again. In [6], the critical resolved shear stress for slip on f111g
and f110g planes was found to be about 1/3 higher than that for f001g planes. It is
therefore not surprizing that, because of their lower glide resistance, (100) and (010)
planes are activated as secondary slip planes, inspite of their smaller orientation factor
(viz. 0.35, instead of 0.41).

For the deformation along [100], the operating slip systems have not yet been investi-
gated in detail. To the authors' knowledge, only first results of TEM investigations are
published of samples deformed at 400 �C [13] and 1300 �C [2], where f111g 1/2h110i slip
systems were claimed to operate. As Fig. 13 shows, some light microscope slip traces
point at the action of these slip systems. However, Fig. 18 proves the dominance of the
four equivalent slip systems on f110g planes. This is convincing as their orientation
factor of 0.5 is higher than 0.41 of the systems with f111g planes, and as both systems
are supposed to have similar critical resolved shear stresses [6]. This result is in accor-
dance with in situ straining experiments at 1150 �C along [100], where two orthogonal
f110g slip planes were activated [15].

Cube and non-cube slip planes greatly differ in the dynamic behaviour of dislocations,
which is also shown by the in situ straining experiments at 1150 �C [15]. During defor-
mation along [1�12], the dislocations move on cube planes very jerkily over distances in
the order of magnitude of the spacings between the dislocations, which corresponds to a
very low strain rate sensitivity in corresponding macroscopic compression experiments
[8, 9], and which may be called an athermal behaviour. On deformation along [100], the
dislocations move on f110g planes in a viscous way. Hence, the present experiments are
interpreted on the basis of the observation that the deformation along [1�12] is mainly
carried by dislocations on cube planes, whereas that along [100] is carried by dislocations
on f110g planes, and that the different dynamic behaviour of dislocations on these
planes is preserved up to 1400 �C.

5.3 Dislocation processes

In all materials, long-range dislocation interactions contribute to the flow stress. For the
interaction between parallel dislocations, the so-called Taylor hardening [20], a formula
of the contribution ti to the shear stress, considering the slip geometry of cubic zirconia,
is given in [9, 10],

ti = aKbFm r1/2/(2p) , (4)

with a being a numerical factor of about 8, K, the energy factor of the respective dislo-
cations (for slip on f100g planes at 1200 �C [10] equal to 67.7 GPa for screw and to
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85.5 GPa for edge dislocations), b, the absolute value of the Burgers vector, and Fm, a
normalized interaction constant depending on the dislocation character (for slip on
f100g planes equal to 0.3 for screw and to 0.2 for edge dislocations). With the disloca-
tion density of r = 1.4 � 1013 m±±2 of the primary slip system in Section 4.1, the long-
range (athermal) part of the flow stress amounts to about ti = 33 MPa for screw disloca-
tions or to 28 MPa for edges. 30 MPa may be used as an average. This has to be com-
pared with a resolved shear stress of about 90 MPa, if the flow stresses of about 200
MPa in the figures of Section 3.1 and the orientation factor of 0.47 of the primary
slip system for the deformation along [1�12] are considered. The athermal shear stress
inside the secondary systems with a dislocation density of 5 � 1012 m±±2 amounts to
only about ti = 20 MPa, which is not additive to the athermal stress contribution of
the primary system. The values for 1400 �C should be slightly lower but may be consid-
ered lower limits as the dislocation densities during deformation may be higher but are
reduced by recovery, even in the specimens cooled under load.

As shown in Fig. 17a, dislocations of different slip systems may react to create junc-
tions according to the Burgers vector reaction

1=2�1�10� � 1=2�01�1� � 1=2�10�1� ; �5�
forming a three-dimensional dislocation network. The branches of the network can glide
only if the stress is high enough to bow them out over the critical (half-loop) configura-
tion. Using the terminology of eq. (4), this back stress is given by

tb = Kb/(2pL) ln (L/br0) , (6)

where L is the link length, b is a numerical factor of about 5, and r0 � b is the inner
cut-off radius of the dislocations. Using the experimental value of L of 1 to 2.5 mm in
Section 4.1, the average of tb for screw and edge dislocations should be between about
13 and 28 MPa. The same estimation applies to the motion of jogs in screw dislocations.
Thus, both mechanisms together may contribute at maximum about 40 MPa to the
(shear) flow stress.

5.4 Chemical hardening

The deformation behaviour of earlier experiments at 1400 �C has been interpreted on
the basis of solid solution hardening, which is the easiest way to explain the increase of
the flow stress with increasing concentration of yttria [1, 7]. Y3+ ions may form associ-
ates with oxygen vacancies introduced to conserve the electrical neutrality. They were
observed at low temperatures, should have a h111i symmetry axis [21, 22], and cause
the Snoek effect observed by mechanical spectroscopy at temperatures between 200
and 500 �C [23, 24]. However, experiments up to 1200 �C have not indicated further
associates in cubic zirconia [25]. It is supposed that these associates start to dissociate
already above about 400 �C [26, 27] so that they cannot control the flow stress of cubic
zirconia at 1400 �C.

Recently, an unusually high concentration of solved nitrogen as well as large ZrN
precipitates were detected in samples deformed in argon atmosphere between 1600 and
1800 �C [28]. During deformation, solved nitrogen may interact with the dislocations
forming Cottrell atmospheres [29]. Smaller ZrN precipitates might represent localized
obstacles to the dislocation motion. However, such precipitates have never been ob-
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served in specimens deformed between about 1000 and 1400 �C. As described above, in
situ tensile tests inside an HVEM at 1150 �C [9, 10, 15] demonstrate that the disloca-
tions of the primary slip system move very fast (flight velocity >50 mm/s) and that
there is no indication of localized obstacles. This result should be true also for higher
temperatures.

Thus, simple solid solution hardening models can obviously not be used to explain the
dependence of the flow stress on the yttria concentration. It was stated in Section 5.1
and will be discussed in the following section that recovery is an essential process during
the deformation of zirconia at high temperatures. Recovery by climb requires diffusion
in both sublattices and is controlled by the species diffusing more slowly, which is the
Zr4+ ion. Observations of dislocation loop shrinkage during annealing showed that the
diffusion of Zr in an alloy with 18 mol% yttria is approximately 15 times slower than in
an alloy with 9.4 mol%, with the activation energy being independent of the yttria con-
centration [30]. The reduced pre-exponential factor is explained by the trapping of the
diffusing charged vacancy clusters at centres containing yttrium or the vacancies neces-
sary for charge compensation. As first suggested in [7], a reduced diffusion may slow
down the recovery kinetics leading to an increase of the flow stress with increasing yttria
concentration.

5.5 Model of the deformation of cubic zirconia at high temperatures

Experimental observations which should be considered in a model are pointed out again:
±± The observed microstructures do not indicate a particular mechanism of interac-

tion between dislocations and other defects that may control the flow stress. Above
about 1000 �C, the interaction with localized obstacles, which is important below about
800 �C [8], does not act any more.

±± Long-range interaction between parallel dislocations (eq. (4)) yields an athermal
flow stress part of at least ti � 30 MPa (Section 5.3).

±± Dislocation junctions and jogs in screw dislocations may contribute a back stress
(eq. (6)) of tb � 40 MPa at the most to the flow stress (Section 5.3). This contribution
is also of athermal character.

±± Recovery is an essential feature of high-temperature deformation of cubic zirconia
already at 1400 �C (Section 5.1). It was suggested that diffusion-controlled processes
govern the deformation above about 1450 to 1500 �C, for creep tests up to 1550 �C [16],
and for tests at a constant strain rate up to 1750 �C [19]. The deformation is then
governed by climb as in other ceramic materials (e.g. [31, 32]). Other authors (e.g. [17])
explain the high-temperature plasticity of cubic zirconia by a link length model includ-
ing recovery. The particular model [33], however, is based on a viscous dislocation mo-
tion with a stress exponent of unity, which strongly contradicts the stress relaxation
behaviour discussed in Section 5.6. Recovery may lead to reduced dislocation densities in
TEM samples compared to the state during deformation, even of specimens cooled under
load. As a consequence, the dislocation densities measured after creep experiments follow
a dependence on stress as eq. (4), but with a numerical constant aFm/(2p) twice the
value above characteristic of work-hardening [34]. Thus, for deformation along [1�12],
ti + tb may be larger than estimated and represent the macroscopic flow stress. Such a
situation was already observed for the athermal deformation range around 1150 �C
[9, 15].
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±± The dynamic behaviour of dislocations moving on the cube and on the non-cube
(most probably f110g) planes greatly differs (Sections 4 and 5.2). The dislocations ex-
perience very little resistance on cube planes, which corresponds to a low strain rate
sensitivity. In contrast to that, measurements of the dislocation velocities on cube planes
by the stress pulse-etching technique between 1150 and 1450 �C revealed a high strain
rate sensitivity [35]. However, these experiments were performed at low stresses, corre-
sponding to dislocation velocities which are about ten orders of magnitude lower than
those in macroscopic deformation tests. Hence, these results are not relevant for the
present study. On non-cube planes, the dislocations move in a viscous way. The viscous
motion is certainly due to a lattice friction mechanism which is accompanied with a high
strain rate sensitivity. The lattice friction mechanism may be the Peierls mechanism
which is certainly influenced by the high concentration of the stabilizing yttria. The
different dynamic behaviour is observed at 1150 �C [15], but should be preserved also up
to higher temperatures.

As pointed out in [7, 9], the high-temperature plasticity of cubic zirconia can be un-
derstood on the basis of a phenomenological model described in [36, 37]. The dynamic
law, i.e. the dependence of the strain rate _e on the applied stress t, can be represented
by the power law

_e � _e0(t/t0)
m . (7)

Here, t0 is a threshold stress, which is related to the long-range stress component ti + tb

in the order of magnitude of 100 MPa, _e0 is a constant, and m is the dynamic stress
exponent; m need not be identical with the experimental stress exponent m* defined in
eq. (2). During straining, the microstructure changes. This is described by an evolution
law

dt0/de = Q0(1 ±± Rt0 _e±±1/n) , (8)

where Q0 is the initial work-hardening coefficient, and n is the strain-softening expo-
nent. The latter term in the parentheses considers dynamic recovery via glide and climb,
where R includes the diffusion coefficient. As described in Section 5.4, the diffusion coef-
ficient strongly depends on the yttria concentration, which explains the dependence of
the flow stress on the yttria concentration. Under steady state conditions as in creep, t0

is constant so that

_ess � �Rt0�n � R0tn0 ; �9�
with 1=n0 � 1=n� 1=m: This is the well known creep law. In the present experiments at
a constant strain rate, the work-hardening is low after the yield point so that eq. (9)
should also account for the steady state flow stress. Equations (7) and (8) also describe
transient phenomena as occurring in the stress relaxation experiments. For these experi-
ments, eqs. (7) and (8) can be solved under the (well fulfilled) assumption that the
actual stress t is nearly equal to the threshold stress t0, yielding

m* � d ln _e=d ln t � d ln �ÿ _t�=d ln t � mÿ �mÿ n�A�t ÿ t1�
�1ÿA� �t=t1�m=n �A�t=t1�

; �10�

with t1 being the stress at the beginning of the relaxation and

A � mCQ0Rt1=��mÿ n� �1� CQ0� _e
1=n
1 � :
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C is the elastic compliance defined in Section 2. At the beginning of relaxation,

m* = (d ln _e/d ln t�t� t1
= m(1 ±± A) + nA , (11)

which is close to m for large m (and small A). At the end of the relaxation,

m* = (d ln _e/d ln t)t� t1
= n . (12)

Thus, the two-stage relaxation curves allow one to separate the dynamic dislocation
properties from the recovery behaviour. In the following, some features of the deforma-
tion behaviour described in Section 3 are qualitatively discussed on the basis of the
model. A quantitative description still has to be worked out.

5.6 Deformation along [1�12]

According to Section 4.1, plastic deformation along [1�12] should be explained solely by
slip on primary and secondary f100g planes. As pointed out in Section 5.2, the glide
resistance is low on these planes and the dislocations may move in an athermal way,
corresponding to a large stress exponent m in eq. (7). This should be reflected in the
strain rate sensitivity I.

The model of eqs. (7) to (12) predicts that the stress relaxation curves may show two
distinct regions [37], particularly if ln (±± _s) is plotted versus ln s. This was applied ear-
lier to the stress relaxation kinetics in cubic zirconia [7, 9]. In the present experiments,
stress relaxation curves were recorded with highly improved precision thus revealing the
effect more clearly. Fig. 19 shows a respective plot of the data of Fig. 6 for low strains
and high strain rates. In this plot, the slope of the curves corresponds to the apparent
stress exponent m* defined in eq. (2). Particularly, the first relaxation curve clearly
shows the two stages. At high strain rates, the slope of the curves approximates the
dynamic stress exponent m as shown in eq. (11), which is above 100 and describes the
athermal behaviour of the gliding dislocations, observed earlier at lower temperatures [8
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to 10]. The long tail at low strain rates describes the recovery appearing during relaxa-
tion. According to eq. (12), the slope of about four corresponds to the strain softening
exponent n. This means that the relaxation curves are not recorded under the condition
of a constant structure. In another sense, this holds true for the relaxation curves taken
at the upper yield point. As indicated by the data points of Figs. 4b and 11, these
relaxations yielded a very high strain rate sensitivity of about 140 MPa, which does not
reflect the dynamic stress exponent m but a still strongly increasing density of mobile
dislocations even during the relaxation tests.

With increasing strain, t0 rises owing to the increasing dislocation density. This makes
the starting stress of the relaxation curves to rise as well as the recovery part to shift to
higher strain rates. The dynamic part of the relaxation curves disappears at low starting
strain rates as the lower curve of Fig. 7 shows.

At 1200 �C and small strains, the relaxation curves (R1 to R3) of Fig. 8b show only
the steep part indicating a very low strain rate sensitivity. At larger strains with an
increased dislocation density recovery also sets in. These curves demonstrate the transi-
tion between the athermal behaviour at about 1000 �C [8 to 10] to that at 1400 �C.

The dependence of the strain rate sensitivity I on the strain rate at 1400 �C, particu-
larly at small strains, is also evident from the SRC experiments, compare Figs. 4a and
b. It is therefore an intrinsic feature of the material. A value of I of about 30 MPa,
which is typical of low strain rates and of larger strains at high strain rates, corresponds
to a stress exponent of m* � 5. This value agrees with earlier reports [2, 16, 18, 19].
Most of these results are derived from creep experiments with incremental load changes
[16, 18, 19], all performed at small strain rates so that the dynamic stress exponent m
could not be observed.

A characteristic feature of the stress±strain curves is the pronounced yield drop effect
at small strain rates followed by zero work hardening as shown in Fig. 2. This behaviour
is commonly believed to be characteristic of this material deformed along [1�12] at 1400 �C
[1 to 3, 5]. However, as Fig. 2 also shows, the yield drop does not occur at higher strain
rates but a weak work hardening is observed. This strain rate dependence of the shape
of the stress±strain curves has not been discussed before, probably since most experi-
ments were performed at a small strain rate of about 1:3� 10±±5 1/s [1 to 3, 5]. Higher
strain rates of 1:2� 10±±4 1/s were used in [7], where the yield point effect is also miss-
ing. This, however, was not discussed by the authors. Usually, the yield point effect is
explained by rapid dislocation multiplication during loading, which, however, in [4] was
excluded, since the dislocation density did not strongly increase with strain. As dis-
cussed in Section 5.1, dislocation densities measured in specimens cooled in the unloaded
state do not represent those during deformation. In [4] the yield drop effect is suggested
to be due to the activation of secondary slip on f111g planes. This argument is, how-
ever, not convincing as the secondary slip planes are most probably also of f100g type
(Sections 4.1 and 5.2). This should lead to an additional hardening. Dislocations on
other secondary planes are even less mobile. In the present experiments, the occurrence
of the yield drop effect during the deformation along [1�12] strongly depends on the
strain rate. It does not appear at high strain rates, where the relaxation curves exhibit
the steep part of athermal dislocation behaviour, but at low strain rates, where recovery
is more important. At low strain rates and increasing t0, the recovery term in eq. (8)
may exceed the hardening term so that dt0/de becomes negative, which explains the
yield drop effect.
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The result of the annealing experiment shown in Fig. 5 can be explained by the argu-
ments discussed above. The specimen was unloaded after a plastic strain of about 2.8%,
where t0 had already developed and recovery dominated the strain rate sensitivity. Dur-
ing annealing at 1400 �C for 40 min, the dislocation density and structure further recov-
ered, reaching a state similar to that at the beginning of the deformation test. On re-
loading, the strain rate sensitivity is low again (see dotted line in Fig. 4a) but the flow
stress is only slightly smaller than before annealing, owing to the athermal nature of the
deformation at this high strain rate. Further straining re-establishes the deformed state.

5.7 Deformation along [100]

In this orientation, all slip systems with f001g glide planes are suppressed. Most prob-
ably, the dislocations glide on f110g planes, perhaps also on f111g ones. As described in
Sections 5.2 and 5.5, the dislocations move in a viscous way on non-cube planes, which
corresponds to larger values of the strain rate sensitivity I and lower values of the dy-
namic stress exponent m.

As a consequence, also at a high strain rate the stress relaxation curves of Fig. 10a do
not show the two-stage behaviour characteristic of the deformation along [1�12] under
the same conditions. In the plot of Fig. 20 of ln (±± _s) versus ln s, the curves are slightly
bent. The initial slope of m* � 9 should again be close to the dynamic stress exponent
characteristic of non-cube glide. The slope at the low stress end of m* � 6 may again be
equal to the strain softening exponent. In this case where the dynamic stress exponent
m does not very much differ from the strain softening exponent n, both processes cannot
clearly be separated. The high strain rate sensitivity is accompanied with a strong de-
pendence of the flow stress on temperature, which is revealed by comparing the lower
deformation curve at 1400 �C of Fig. 9 with that at 1150 �C of Fig. 12.

As shown in Fig. 9, at 1400 �C the stress±strain curves exhibit a yield point effect
followed by a zero work-hardening region, not only for low strain rates (1� 10±±6 and
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5� 10±±6 1/s) but also for high ones (1� 10±±4 1/s). This observation contradicts ear-
lier reports (e.g., [2]), where initial slip on f100g planes was thought to be a prere-
quisite for the yield drop effect. In general, the yield drop should be more pro-
nounced if the dynamic stress exponent is lower. This is in accordance with the
appearance of a yield point effect for deformation along [100] with m � 9 also at a
high strain rate and with its missing for deformation along [1�12] with m > 100 under
the same conditions.

6. Conclusions

±± At 1400 �C, stress±strain curves show a yield point effect followed by zero work
hardening, which was thought to be typical of the deformation along [1�12], only at low
strain rates. At high strain rates, continuous work-hardening occurs.

±± The yield drop effect does not only appear during deformation along [1�12] but,
contrary to earlier reports, also for deformation along [100] at low and high strain rates.

±± For the deformation along [1�12], both the primary and the secondary slip planes
are of f100g type. On these planes, the glide resistance is low, the dislocations move in
an athermal way yielding a very high dynamic stress exponent.

±± For the deformation along [100], the dominating slip planes are of f110g type. On
these planes, the glide resistance is higher, the dislocations move with the aid of thermal
activation which leads to a dynamic stress exponent of about nine.

±± The deformation behaviour, particularly that during stress relaxation tests, is ex-
plained by the different dynamic properties of the dislocations and by the fact that
recovery is an essential feature of the high-temperature deformation of cubic zirconia.

±± According to the model, the two stages of the stress relaxation curves at low
strains and high strain rates correspond to the dynamic behaviour of dislocations at the
beginning, and to recovery at the end of the relaxation tests.
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